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Towards in situ determination of 3D strain and
reorientation in the interpenetrating nanofibre
networks of cuticle†

Y. Zhang,‡a,b P. De Falco,‡a Y. Wang,a E. Barbieri,a O. Paris,c N. J. Terrill, d

G. Falkenberg,b N. M. Pugno e,a,f and H. S. Gupta *a

Determining the in situ 3D nano- and microscale strain and reorientation fields in hierarchical nano-

composite materials is technically very challenging. Such a determination is important to understand the

mechanisms enabling their functional optimization. An example of functional specialization to high

dynamic mechanical resistance is the crustacean stomatopod cuticle. Here we develop a new 3D X-ray

nanostrain reconstruction method combining analytical modelling of the diffraction signal, fibre-compo-

site theory and in situ deformation, to determine the hitherto unknown nano- and microscale deformation

mechanisms in stomatopod tergite cuticle. Stomatopod cuticle at the nanoscale consists of mineralized

chitin fibres and calcified protein matrix, which form (at the microscale) plywood (Bouligand) layers with

interpenetrating pore-canal fibres. We uncover anisotropic deformation patterns inside Bouligand lamellae,

accompanied by load-induced fibre reorientation and pore-canal fibre compression. Lamination theory was

used to decouple in-plane fibre reorientation from diffraction intensity changes induced by 3D lamellae

tilting. Our method enables separation of deformation dynamics at multiple hierarchical levels, a critical

consideration in the cooperative mechanics characteristic of biological and bioinspired materials. The nano-

strain reconstruction technique is general, depending only on molecular-level fibre symmetry and can be

applied to the in situ dynamics of advanced nanostructured materials with 3D hierarchical design.

1. Introduction

In the design of advanced functional composites, a key charac-
teristic is the assembly (either via self-organization or guided
deposition) of sub-micron elements such as nanowires or
nanofibres into a hierarchical and ordered system at multiple
length scales between the molecular and microscopic levels.
These include mineralized collagen fibrils in bone,1 ordered
calcite nanocrystals in hierarchical clay nanocomposites,2,3

ordered 2D materials inside 3D biomineralized materials,4

mechanically high performance polymer/nanoclay compo-
sites,5 oriented TiO2 nanocrystals assemblies for photocataly-
sis,6 and semiconductor nanocrystals in superlattices.7 The
precise orientation, strain and structure of the nanoscale
inclusions in such systems is a crucial determining factor in
enabling function and influencing a diverse range of designed
material properties, including mechanics,4,8,9 catalytic per-
formance or semiconductor performance.7 In this regard,
advances in X-ray techniques including scanning nano-diffrac-
tion, ptychography and coherent X-ray diffraction have been
applied to determine the strain, shape and texture of individ-
ual nanoparticles or composite aggregates.10–12

However, an implicit assumption of much current X-ray
scanning microprobe and in situ methods is a neglect of the
depth dimension in the analysis of 2D diffraction maps. The
2D X-ray diffraction pattern obtained is a slice through the 3D
reciprocal space intensity distribution.13 This limits the appli-
cation of most such methods to simple in-plane geometries or
sections or special materials such as collagen fibrils with an
ordered periodic structure at the nanoscale, while in most
real-life systems, the 3D morphology may have no particular
symmetry or alignment to sample shape. While recent innova-
tive methods like 3D small-angle X-ray scattering (SAXS) tom-
ography14 and polychromatic X-ray diffraction,15,16 which
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reconstruct 3D reciprocal space intensity in a model-free
manner, circumvent this 2D limitation, these methods have
limitations for in situ studies. SAXS tomography can take
several hours of synchrotron time per reconstruction,14 and
the polychromatic X-ray diffraction analysis requires several
minutes with a specialized energy-dispersive detector,15 or
scanning the photon energy. 3D X-ray structural microscopy
uses polychromatic radiation to measure grain orientation and
strain in functionally graded materials and composites, but
requires sample rotation.17 Indeed, the in situ dynamics of the
nanoscale inclusions can follow a complex and non-pre-
determined path of coupled rotation, stretching and phase
transformation in 3D, and requires time-resolutions of the
order of seconds or below, and do not readily allow steps such
as sample-rotation or energy scanning at each step of the
process.14,18 Further, methods such as ptychography are suited
for scanning with high (a few tens of nanometres) resolution
to obtain structure information, but are also comparatively
time consuming due to overlapping scans and are therefore
not suited for in situ studies of samples in the millimetre size
range.12 There is therefore a significant need for multiscale 3D
reconstruction methods for in situ nanoscale mechanics. This
need is especially relevant for biological and biomimetic com-
posites, where the hierarchical architecture leads to complex,
multi-dimensional motifs.9

A prototypical example of such a multiscale biocomposite
(ESI, Fig. S1†) is the crustacean cuticle.19,20 At the nanoscale,
the cuticle may be considered a three-phase composite of
∼3 nm diameter chitin fibrils, crosslinked amorphous proteins
and biogenic mineral (calcium carbonate), along with water.
The mineralized fibrils aggregate into fibres at the scale of
∼100 nm, which in turn form a characteristic continuous
rotated layered plywood structure at the scale of ∼10 μm,
known as the Bouligand motif.21 A network of pore canal
fibres run perpendicular to these Bouligand layers, forming an
interpenetrating network of nanofibers which has been
likened to a honeycomb structure.19 This structural motif has
evolved into a range of functional specializations, from impact
resistant exoskeletons like the dactyl and telson in the mantis
shrimp, to hyper-extensible appendages for laying eggs,22 to
specialized sensory organs in spiders.23 In particular, the exoske-
leton of the mantis shrimp has attracted considerable recent
attention, due to its ability to resist high rate, repetitive loading
with no structural damage serving as a template for bioinspired
composites.24–28 While multiscale modelling studies of the
(lobster) cuticle exist, suggesting that much of the variation of
mechanical properties arises due to structure at the microscale
and above,29 there is little direct experimental in situ evidence of
the nanoscale and microscale mechanisms in crustacean cuticle.

In this paper, we develop and apply an in situ multiscale
X-ray diffraction/modelling scheme to determine the nano-
scale and microscale deformation mechanisms in crustacean
cuticle. By modelling the crustacean cuticle extracellular
matrix as two interpenetrating fibre-lamellate structures at the
sub-micron scale, we predict the 3D X-ray diffraction intensity
distributions from these fibres using an asymptotic integral

approach.30 Under mechanical load, these distributions will
alter in a manner dictated by the coupled effects of strain at
the nanoscale along with 3D deformation and reorientation at
larger scales. We show how, by modelling the fibre-level stress
and strain fields by matching lamination theory to the experi-
mental X-ray peak shifts,31 and subsequently accounting for
larger mesoscale (>10 μm) deformations at the scale of lamellae
and interpenetrating fibre distributions, we can determine the
in situ nano- and microscale mechanics of crustacean cuticle with
high precision. Our approach – solely relying on the existence of
fibre symmetry at the molecular level – is designed to apply to
in situ studies of the structural dynamics of nanoscale inclusions
in advanced multiscale functional materials, provides both mech-
anical strain as well as structural reorientation, and can be
carried out using standard 2D X-ray detectors or lab-setups.

2. Ultrastructural model and
experimental results
2.1. Analytic 3D X-ray diffraction intensity distributions for
interpenetrating nanofibre networks

Fig. 1 shows the experimental protocol for in situ tensile
testing during synchrotron XRD experiment, and the relation
of X-ray diffraction geometry to the underlying nanofibre
organization. Tergite specimens from the stomatopod (Fig. 1a)
cuticle embedded in two orthogonal orientations (Fig. 1b) are
deformed during synchrotron XRD (Fig. 1c), leading to the
acquisition of a series of XRD patterns (for details see
Materials and methods). The microstructure of cuticle consists
of in-plane fibres in a twisted plywood arrangement known as
Bouligand layers (green fibres, Fig. 1d), interpenetrated with
perpendicularly oriented pore-canal fibres (blue fibres,
Fig. 1d). The basic microstructural unit in each scattering
volume element is therefore a combination of in-plane fibres
(IP) (forming Bouligand plywood layers) and bundles of out-of-
plane (OP) fibres (from the pore-canals) (Fig. 1d).32 Here, we
consider both micro units as variations of an underlying
planar fibre distribution w(γ;γ0,Δγ0) (Fig. 1e and Table S1-II†),
with the Bouligand (IP-) phase corresponding to fibres equally
oriented in all directions in the lamellar plane, and the pore-
canal (OP-) fibres oriented principally in one direction (along
the pore). As the plane of the fibres in the sample may be
oriented at nonzero angles to the principal coordinate axes of
the lab-frame, we denote α and β (with respect to qLz and qLy
axis respectively) as the Euler tilt angles of the plane with
respect to the lab coordinate system (Fig. S3†).

These micro-units are themselves comprised – at the nano-
scale – of chitin fibres,29 made of α-chitin molecules arranged
in a fibre-symmetric manner around the fibre axis (Fig. S1†).
As a consequence, the diffraction intensity of the (hk0) reflec-
tions (such as the equatorial (110) peak) can be represented in
reciprocal space as rings,33 and the (00l) reflections (such as
the (002) peak) as paired spots. To justify the assumption of
fibre symmetry, some discussion of the size of the X-ray scat-
tering volume relative to the micro- and nanostructural build-
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ing blocks is needed. Specifically, cuticle fibre symmetry is
believed to hold at the fibre-level (100–300 nm or 0.1–0.3 μm
in diameter) and above.19,32 The scattering volume in our
experiments is given by the product of the beam cross-
sectional area (10 μm × 10 μm) with the sample thickness
(∼500 μm), and can be seen to be much larger than the fibre
dimensions, and hence the material can be considered as
having fibre symmetry at the scale of the measurements. The
assumption of fibre symmetry may, however, break down for
very small scattering volumes – smaller than single fibres –

such as with nanofocus X-ray beams and submicron thick
samples. To show the intensity distribution on the reciprocal
space as a function of 3D orientation, a polar-sphere-like represen-
tation is used. The X-ray diffraction (XRD) intensity pattern corres-
ponding to the model will be the 2D Ewald surface intersection
with 3D volume of reciprocal space scattering intensity (Fig. S2†).
Different spheres correspond to different reflections, and the
spherical intensity variation correlates to the 3D orientation distri-
butions of IP and OP fibres. As the full 3D intensity variation on
the different reciprocal spheres cannot be fully captured using a
2D detector at a single orientation, here we used two orthogonal
tensile test geometries together with modelling to fully capture the
deformation and reorientation information for both IP and OP
fibres (Fig. 1b and d). Both the (002) and (110) reflections can be
used to calculate the axial and radial fibrillar deformation respect-
ively as well as orientation for the chitin fibres, but in this initial
work we present results only on the (002) reflection.

Fig. 2a show the geometry of IP and OP fibres in the L1 con-
figuration. Fig. 2b shows how, for the (110) reflection, con-
structive interference of the (hk0) rings from the IP fibres leads
to peaks only at the poles perpendicular to the intersection
plane between QS(110) sphere and Ewald sphere.33,34 Therefore,
the intensity variation of (110) reflection from the major fibre
component (IP) is not captured by the detector.33 Concurrently,
for the (002) reflection, the paired diffraction spots from individ-
ual fibres lead to rings parallel to the qy–qz plane due to the
Bouligand distribution of the IP fibres (Fig. 2c). In this study, we
will use the (002) reflection to calculate the deformation and
reorientation of IP fibres in the L1 configuration.

These complex distributions in reciprocal space can be rep-
resented analytically. Consider the Bouligand lamella to be
oriented in the qLy − qLz plane (indicated with green fibres in
Fig. 2a). For a single fibre, the intensity distribution in recipro-
cal space can be written as (ESI†):

Ið002Þðqx; qy; qzÞ ¼ I0
Δqð002Þ

ffiffiffiffiffi
2π

p exp � qx2

2Δqð002Þ2

� �
δðqzÞ ð1Þ

where the scattering vector q is given by

q ¼ ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
qx2 þ qy2 þ qz2

p ¼ 4π
λ

sin
2Θ
2
, Θ the Bragg diffraction

angle for the (002) Miller index and Δq(002) the width of the
(002) ring in reciprocal space (an analogous expressions for
the (110) reflection is given in ESI†). The full XRD intensity is
obtained by a weighted integration of the intensity in eqn (1)

Fig. 1 Stomatopod tergite cuticle and experimental in situ XRD protocol. (a) Image of a stomatopod. (b) Schematic of a single abdominal segment,
which is sectioned into tensile test sections along the long axis of the animal. Lower schematics show the tensile test sample embedded in dental
cement, with the direction of X-ray beam into the page. The two colour codes (blue and dark red; colour online) indicate different faces of the
cuticle. Blue is normal to the cuticle surface, and red is the plane parallel to the cuticle surface. The rectangular-shaped sections are oriented in two
directions when embedded in the dental cement holders (L1: X-ray normal to cuticle surface and L2: X-ray parallel to cuticle surface). (c) Schematic
of in situ tensile testing of cuticle specimens during synchrotron XRD, with example 2D XRD pattern on detector. The specimen was hydrated in
artificial sea water during the in situ testing. (d) Higher magnifications schematic of the cuticle section, showing the relation of the X-ray beam to
the fibrous microstructure in the L1- and L2-configurations. Green fibre layers (colour online) represent the twisted plywood Bouligand lamellae
(in-plane or IP-fibres), and blue cylinders the chitin fibres in the pore-canals running perpendicular to the cuticle surface (out-plane or OP-fibres).
(e) The foregoing schematic is simplified to show the two groups of fibre distributions inside a scattering volume, and their orientation with regards
to the cuticle surface.
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over all possible fibre angles in the lamella, and these 3D
spherical intensity distributions are plotted in Fig. 2b and c.
To obtain the intensity profile on the detector, the 3D recipro-
cal space distribution is transformed to 2D detector coordi-
nates (q,χ) (transformation equations in ESI, Table V†). For a
uniform fibre distribution w(γ;γ0,Δγ0) = w0 in the lamellar
plane (which represents Bouligand lamellae with fibres in the
sub-lamellae at all possible angles), by taking the asymptotic
limit of small Δq(002), it is possible to obtain a closed form of
the azimuthal intensity profile:

Ið002Þðχ; 2Θ; κ; α; βÞ ¼

w0I0
Δqð002Þ

ffiffiffiffiffi
2π

p
exp � 1

2κ2
sin

2Θ
2

cos αþ cos
2Θ
2

sinðχ � βÞ sin α

� �2� �
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1� ðsin 2Θ

2
cos αþ cos

2Θ
2

sinðχ � βÞ sin αÞ2
r

ð2Þ

where κ = Δq(002)/q(002) is a parameter denoting the relative
width of the (002) ring (q(002) is the reciprocal lattice vector
corresponding to the (002) peak) and χ is the azimuthal angle
with respect to qLz axis inside the intersection plane between
the Ewald sphere with the QS(002) sphere. The width of the
ring is a measure of both the degree of misorientation of fibrils
within a fibre at the nanoscale, as well as the misorientation of
fibres within a lamellar plane; fully parallel fibrils will lead to κ

= 0. Due to the well-ordered parallel lamellate structure in
tergite, we make the approximation in this paper that the intra-
lamellar reorientation can be neglected, i.e. κ is a constant. For
more general fibre orientation geometries, κ should be con-

sidered a variable parameter like α and β. Details of the inte-
gration, transformation equations and asymptotic limit are in
ESI: Tables I–III† and accompanying text.

In the aligned state (where α = β = 0°) and the Bouligand
plane is parallel to the lab-frame, it is clear that the intensity
of the (002) ring will be constant as a function of azimuthal
angle χ, with a value of:

Ið002Þðχ; 2Θ; κ; 0; 0Þ ¼
w0I0

Δqð002Þ
ffiffiffiffiffi
2π

p exp � 1
2κ2

sin2 2Θ
2

� �
= cos

2Θ
2

ð3Þ

In Fig. 2d an example 2D XRD pattern is shown in the
L1-orientation, with the (002) and (110) reflections indicated,
whose peaks are shown on a radial profile in Fig. 2e.
Azimuthally resolved intensity plots are shown for these reflec-
tions in Fig. 2f. A ring background subtraction was used to
eliminate the diffuse mineral scattering background Ibgr in the
WAXD pattern using Ibgr(χ;q0) = (I(χ;q0 + Δq) + I(χ;q0 − Δq))/2
for both (110) and (002) reflections (Δq = 0.1 nm−1 is a small
increment of wavevector such that q0 ± Δq is outside of the
Bragg peak in each case). A clear angular variation of intensity
is observed in both subplots, which, when taken together with
Fig. 2b and c, implies slight nonzero value of the tilt angles α

and β, and these tilts will be quantitatively determined in the
following subsections. Shifts in the (002) peak positions
(Fig. 2e) will (in an angularly resolved sense to be described in
the next section) be linked to the strain along the fibre axis (εf )
induced by the tensile loading.

Fig. 2 Diffraction data analysis. (a) Schematic showing the in-plane and out-of-plane chitin fibre distributions inside cuticle for L1 configuration
(rotated by 90° with respect to Fig. 1a5†). (b) From the combined fibre distributions, the predicted intensity distributions of the (110) reciprocal lattice
vector on a 3D sphere, based on the model described in section 2. (c) Likewise, the model-based intensity distributions of the (002) reciprocal lattice
vector on a 3D sphere. (d) A representative experimental 2D diffraction pattern from tergite cuticle (L1 configuration). Both (110) and (002) reflections
from alpha chitin are indicated. (e) Azimuthally averaged intensity profiles showing the sharp (002) and broad (110) peaks. (f ) Radially averaged azi-
muthal profiles for (002) and (110) reflections, showing non-uniform angular texture.
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When the cuticle is deformed, a priori expectations are that
the fibre distributions (both IP and OP) will undergo both
(i) nanoscale axial deformation along the fibres and reorienta-
tion of the fibres in the Bouligand plane (changing the planar
fibre distribution w(γ;γ0,Δγ0)), as well as (ii) an overall angular
movement of the Bouligand layer itself (change in α and β) at
the mesoscale. While the analytic relations given previously are
applicable in the general case, for the specific case considered
here, where the fibre plane is nearly aligned with the lab-princi-
pal axes, we can proceed via a simpler two-step approximation.
First, given that the Euler tilt angles α and β are small to start
with, the deformation of the fibres in the Bouligand plane can
be obtained from the 2D XRD pattern in the same manner as
would be for an un-tilted configuration. This step will provide
the nanoscale strain and reorientation, and enable us to track
the change in the fibre orientation distribution during the
loading process, and is described in the next subsection.

2.2. Fibre mechanics in the Bouligand lamellae match
laminate theory predictions at nanoscale

An averaged tensile stress–strain curves for the tergite cuticle
is shown in Fig. 3a, showing a linear increase of tissue stress
with strain with a slight downward curvature evident at strains
>0.6–0.8%. Concurrently, the radial peak profiles for the (002)
reflection show shifts; for the direction parallel to the loading
direction, to smaller wavevector (Fig. 3b) implying a tensile
deformation of the chitin fibres. Fig. 3c shows the schematic
of the plywood lamellae. The strain in the different sublayers
of the Bouligand lamellae was calculated from shifts in the

angularly resolved profiles of the (002) peak, and plotted in
Fig. 3d. The result shows that chitin fibres which orientated
close to the tensile direction (ψ = 0°–40°) exhibit a positive strain
as the stress increases, while fibres orientated further away
(60°–90°) from the tensile direction showed a negative strain
(Fig. 3d). In the transition region (40°–60°) the chitin fibres
showed no significant strain increments compared to the other
regions. The experimental data appear to lie in three groups
(0–40°: tension, 50–60°: no change; 70–90°: compression), rather
than the continuous change in Fig. 3, but this effect is largely
due to the experimental scatter in the fitted data.

The in-plane deformation and reorientation then were cal-
culated using classical lamination theory to compare with the
experimental results obtained from WAXD patterns. The
plywood structured tergite sample was treated as a laminate
comprising 100 Bouligand sublayers (laminae). The reinforce-
ment (fibre) was considered to be the mineralized chitin fibre,
and the surrounding interfibrillar phase (matrix) was taken to
be the mineral–protein composite. The fibre orientation in
different laminae rotates around the normal axis of the whole
laminate to match the plywood structure of the cuticle. Using
initial estimates of the chitin, mineral and protein material
properties and relative volume fractions from previous
work,19,35 the deformation (Fig. 3e) of each lamina inside the
whole laminate,21,28 was calculated from an analytical formu-
lation. More detailed information on the material property
assignment and analytical formulae were described in ESI
(section S3).† Even without any parameter fitting of the litera-
ture values to the data, good qualitative agreement is observed

Fig. 3 In-plane deformation and reorientation of chitin nanofibres under L1 tensile configuration. (a) An average stress and strain curve obtained
from tensile tests. The results were averaged from five specimens. (b) Shifts in position of the (002) peak to smaller wavevector during tensile
testing, showing elongation under tensile load. (c) Schematic representing the different sublamellae, parameterized by the angle ψ = 90° − χ. (d) The
anisotropic experimental fibre strain (εf ) from sublamellae oriented at differentψ, ranging from 0° to 90°, as a function of the increasing applied
tissue stress (σT). Tensile deformation of fibres along the loading direction (ψ ∼ 0°) and compression of fibres perpendicular to the loading direction
(ψ near 90°) were observed. (e) Angularly resolved fibre strains predicted from a laminate model of the Bouligand layer (section 2.2 and ESI, section
S3†), showing a similar trend as the experimental data. (f ) Lamina reorientation calculated from the model (ESI, section S3†), showing maximum fibre
reorientation at ψ = 45°. Extent of fibre reorientation is very small (<0.1° at maximum).
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between Fig. 3d and e, although the deformation of the on-
axis fibres is somewhat less in the experimental case than in
the model. Fitting the model to the data as a function of the
volume fraction, fibre moduli and other parameters is in prin-
ciple possible in future work.

Generally, the fibre orientation distribution changes can be
determined by tracking the angle-resolved I(χ) changes for the
(002) reflection during tensile loading. The experimental
results (Fig. S6a†) show that the normalized diffraction inten-
sity is increasing in the angular region close to the tensile
direction and decreasing in the angular region away to the
tensile direction. However, the angle-resolved I(χ) changes can
result both from in-plane fibre reorientation (from lamination
theory) and the overall 3D tilting of the Bouligand lamellae.
Therefore, the lamination model was used to factor out the in-
plane reorientation effect.

From the modelled deformation of each lamina, it is poss-
ible to obtain the in-plane fibre reorientation (ESI, section S3,†
eqn (S25)†). Under load, the angular intensity distribution is
expected to narrow in width, as the fibres reorient towards the
tensile axis. To describe this analytically, on application of a
perturbing stress σ, a fibre originally at γ reorients to γσ accord-
ing to the relation:

γσ ¼ γ � σ̃f ðγÞ ð4Þ

where σ̃ = σ/σ0 is a dimensionless perturbation parameter (σ0 =
100 MPa; as the experimentally observed ranges of stress are σT
< 100 MPa, and f (γ) ≪ 1, σ̃f (γ) is a small parameter). The new
angular distribution (under stress) is denoted wσ(γ;γ0,Δγ0).
Using first order perturbation, conservation of fibre number,
and an initially uniform fibre distribution in the cuticle
lamella w0 = 1/π, it is possible to show (ESI, section S4†) that
the changed distribution function is given by

wσðγ; γ0;Δγ0Þ � w0ð1� 2σ̃BðEc;Ep;ϕc;ϕpÞcos 2γÞ ð5Þ

where B is a dimensionless function (obtainable from compo-
site laminate analysis) of the cuticle material parameters. The
angular change is, similarly, γσ − γ = −σ̃Bsin(2γ) which implies
zero angular shift for fibres oriented parallel (γ = π/2) and per-
pendicular (γ = 0) to the loading direction. Using the same
model parameters as used to predict the deformation of each
layer, B can be calculated and the angular reorientation
plotted (Fig. 3f). It turns out that in this particular material
(cuticle) the in-plane reorientation and change in orientation
function is very small (angular changes of the order of 0.01°).

In this way, by using the parameters from fitting the fibre
deformation in Fig. 3c (with model results in Fig. 3d), we
obtained the changed fibre orientation distribution function
at a given stress – as long as the stress remains below the
elastic limit point of validity for laminate theory. While in the
particular case of cuticle considered here the change of orien-
tation function was negligible (Fig. S6b†), in other layered com-
posites like armored fish scales much larger reorientations have
been observed via small-angle X-ray scattering.1 In general, the
change in reorientation function will not necessarily be negli-

gible in large-deformation scenarios, or in deformation of very
soft materials, where the ratio between stiffness of the reinfor-
cing fibres and the surrounding matrix is very large.36

2.3. Mesoscale reorientation shows layer alignment to tensile
direction

The stress-altered fibre reorientation function wσ(γ;γ0,Δγ0) can
now be inserted into eqn (2) to factor out the in-plane nano-
scale reorientation, enabling the mesoscale Euler tilt angles
α and β to be fitted as functions of applied stress and strain
(as stated in the previous section, for cuticle the change in
w(γ;γ0,Δγ0) is negligible). To show the predicted diffraction
model sensitivity to the tilt angles, Fig. 4a and d show the devi-
ation of the 2D and 1D intensity profiles (1D for (002) only)
from a straight line due to nonzero but very small α = 2° (with
no change in β or in the Bouligand layer fibre orientation func-
tion). Fig. 4b and e show the diffraction intensity changes with
a small β tilt while α = 0°. Fig. 4c and f show that a combi-
nation of α and β tilt can split the diffraction ring. It is clearly
observed that major deviations from isotropy are observed for
quite small α and β angles.

The qualitative reasoning for this sensitivity arises because
there are two competing small parameters: the term
4π
λ

� �
sin2 2Θ

2
¼ λq2

4π
in eqn (2) and width Δq(002) of the (002)

ring in the qx direction. Small movements of the cuticle layer
will rapidly bring the intensity of the (002) ring into and out of
the Ewald intersection (Fig. 3c), resulting in a high sensitivity to
angular changes. This feature, though fortuitous (it would cease
to hold for large reciprocal lattice vectors q or wavelength λ), is
useful in practice, as the changes in the angles themselves are
expected to be quite small in linear elasticity, so having large
changes in the intensity distribution for small angular changes
improves fit sensitivity. Fig. 4h shows the experimental I(χ)
plots, and fitted curves, for three points I–III on a typical stress–
strain curve of cuticle (Fig. 4g). By fitting α and β over the whole
strain range (Fig. 4i), it is observed that α (denoting the devi-
ation from the stress axis) reduces from ∼2° to >1° on appli-
cation of load, with a similar change in β of about ∼1°. Such a
change in α is as expected, as under tensile load the Bouligand
plane would align toward the loading direction.

2.4. Pore canal fibres compress whilst Bouligand fibres
extend under loading

So far, we have considered only the deformation and reorienta-
tion of the IP fibre which is the majority phase of the interpe-
netrating nanofiber network. The OP fibres (Fig. S1f and
Fig. 1a4, a5†) interpenetrating the Bouligand layer via the
transversely running pore canals will also contribute intensity
on the QS(110) and QS(002) spheres. In the case of
L2 geometry, the regions of (110) and (002) intensity arising
from IP and OP fibre contributions are all captured in the
detector (Fig. 5a and b). It is seen that the intensity peaks of
(002) reflection for each phase are nearly orthogonal to each
other (IP- and OP-arrows in Fig. 5c), permitting determination
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Fig. 4 3D tilting of in-plane fibres under tensile loading. (a)–(c) The rings represent sections of the 3D spherical intensity distributions shown in
Fig. 2, for both (002) (inner ring) and (110) (outer ring). Rings are colour coded for intensity levels. The different images in (a)–(c) represent different
orientations (via the tilt angles α, β), shown via the schematic of the Bouligand layer (green fibres; colour online) inside the ring. Yellow axes and fibre
distribution (colour online) represent the untilted (α = β = 0°) reference state. (d)–(f ) Corresponding azimuthal intensity plots I(χ) for the 2D intensity
sections, with the horizontal reference line in each plot denoting the untilted configuration. (g) Stress–strain curve for a representative cuticle
sample, with symbols I–III denoting from where the three azimuthal intensity curves in the following section (h) are taken. (h) Azimuthal intensity
plots from points I–III in (g), vertically translated for representational clarity only. Solid lines denote fits to the analytical model (eqn (2)). (i) Tilt angles
α (left abscissa) and β (right abscissa) as a function of tissue strain, for the sample shown in (g), obtained by fits to the analytical model. A decrease of
the off-axis tilt angle α, indicating load-induced alignment of the Bouligand layer toward the tensile axis, is observed.

Fig. 5 The mechanical response of out-plane fibre from L2 configuration. (a) The intensity distributions on QS(110) sphere corresponding to in-
plane (green arrows) and out-of-plane (blue arrows) fibres. (b) The intensity distributions on QS(002) sphere corresponding to in-plane and out-of-
plane fibres. (c) The intensity distributions of (110) and (002) reflections on the intersection plane of the Ewald sphere and QS(110) and QS(002)
spheres. (d) The azimuthal intensity profile I(χ) for (110) and (002) reflections. (e) The deformation for both in-plane fibre and out-of-plane fibres as a
function of tissue strain (εT) during the L2 tensile test.
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of peak changes in each phase individually. The 3D tilting of
the lamellae plane in the L2 geometry can be directly deter-
mined using the (110) reflection and the associated model
diffraction functions (ESI, Table V†).

The trace intersection of the Ewald sphere with the recipro-
cal lattice spheres is shown for (002) and (110) in Fig. 5c.
Fig. 5d indicates the allocation of peaks for IP and OP fibres in
the I(χ) curves. In Fig. 5f, the strain increments for both pore-
canal fibre and the IP fibre within the Bouligand lamellae are
plotted against tissue strain. The result show that the OP fibre
also exhibits a linear compressive response up to ∼−0.15%
(∼0.6% tissue strain), shortly before the level at which macro-
scopic yielding and failure is observed (0.8%). It is clear that this
phase of the nanofibre network (the pore-canal fibres) bears load
and is expected to contribute to the overall mechanical properties.
The corresponding reorientation dynamics of α and β deduced
from the azimuthal angle changes of (110) reflection is shown in
Fig. 5e, and again, reorientation of the tilt angle α to smaller
values (∼6.5° to 4.5°) is observed, upon application of load.

3. Discussion and conclusion

In summary, we determined the 3D deformation and reorien-
tation of two interpenetrating nanofiber networks in crus-
tacean (stomatopod) cuticle, by developing a mathematical
model to predict the 3D reciprocal diffraction intensity
changes of (110) and (002) reflections of α-chitin fibres for two
orthogonal diffraction geometries, in a combined in situ syn-
chrotron mechanical test with X-ray diffraction. Taking advan-
tage of the fibre symmetry, the deformation and reorientation
at different hierarchical levels of the crustacean cuticle includ-
ing the whole Bouligand fibre lamellae and pore-canal fibre
bundles (mesoscale), each sub-lamellae (microscale) can be
quantitatively determined by simple experimental design with
the assist of analytical formulae. As seen in Fig. 3 and 4, we
find the method is highly sensitive to both strain and angular
changes as induced by stress, as the X-ray azimuthal pattern
changes significantly for shifts of less than one degree, and
strains are typically less than 1%.

Our method clearly overcomes the limitation of 2D XRD
patterns in capturing 3D diffraction intensity changes in reci-
procal space through a modelling approach, whilst other struc-
tural characterization methods (reviewed in the introduction)
require time-consuming sample rotations and raises concern of
radiation damage to the samples. Therefore it is very suitable
for in situ or in operando study in materials science, when the
deformation and orientation dynamics of crystalline phase is
strongly correlated to the material function. In addition, we also
employed the lamination theory simulation to decouple the
intensity changes due to the in-plane anisotropic strain-induced
reorientation effect from changes resulting from the 3D tilt of
the whole Bouligand lamellae during the tensile test (Fig. 6).

One other interesting aspect of our method is that the
decoupling of strain and reorientation between 2D and 3D is
potentially reversible. By this we means that by obtaining the

3D reorientation information in one specific diffraction geo-
metry (e.g. L2), the (α,β) parameters could be determined first,
and accounted for in the model for I(χ) (eqn (2)), which would
enable the purely in-plane deformation and reorientation to be
determined. Consequently, in an inverse problem approach
(analytical or numerical), the results can thereby be inserted
back into (for example) lamination theory simulations to deduce
the material properties of different nanoscale components. This
will be very helpful in identify the material properties of com-
ponents in nanostructured biocomposites like amorphous min-
erals or proteins which are difficult to characterize individually.

A characteristic of our approach is that it is applicable to
any fibre network with molecular level fibre symmetry and
(partial) crystalline order, and does not require the existence
of special additional symmetries of periodicities at higher
length scales (between 10–100 nm) such as in collagen.37 As
such this approach is especially suitable for fibre-based bio-
logical composites. Further, the method may also be poten-
tially extended also to highly mineralized biocomposites with
relatively little organic material, such as nacre in mollusk
shells,9 as long as the mineral phase is at least partly crystal-
line. By modelling the texture of the mineral diffraction rings
similar to the manner presented here, if the sample scattering
volume (and X-ray microfocus beam size) is large enough to
ensure fibre symmetry of the mineral nanoscale inclusions,
our approach can be adapted to model the XRD signal.

Indeed, both natural and synthetic composites comprising
nanorods and nano-sheets can be considered, if partially crys-
talline. In such implementations, however, it must be noted

Fig. 6 Schematic of in situ determination of 3D strain and reorientation
in nanofibre networks of cuticle. Left: Molecular/nanoscale-level strain
and orientation from unit-cell lattice spacing changes and c-axis direc-
tion in the chitin fibril. Middle: Correlated reorientation and strain of
nanofibre layers at the mesoscale. Right: Compression of orthogonal
nanofibre network in pore canals, and 3D reorientation of Bouligand
lamellae. Solid arrows indicate sequence of steps in the current work;
dashed arrows show the reverse procedure, which is in principle
possible.
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that the current 2D lamellar fibre distribution w(γ;γ0,Δγ0) dis-
tribution (characteristic of the Bouligand patterns in cuticle) is
a simplified case of a more general elliptical orientation distri-
bution function in two spherical polar angles, which will be
needed when considering natural composites with arbitrary
3D microstructural distribution. Hence in such cases, the two-
dimensional distribution with the delta-function in the diffrac-
tion kernel (eqn (1)) will simplify to a single integral, which
can be solved numerically (or approximated analytically).
Complementing the in situ information from our diffraction/
modelling method, for single nanorods, nanoparticles or
nanosheets, methods like Bragg coherent diffraction imaging
or ptychography11,12 can be used to obtain the 3D phase and
strain information.

Beyond the functional analysis of biocomposites and their
graded architecture,38 other examples of applications of the
method can be to link 3D strain and orientation changes of
the crystalline lattice of nanocomponents with the in situ or
in operando mechanical, electrical, thermal, and optical per-
formance. These may include the preferential orientation of
the semi-crystalline polymer nanofibres and their correlation
with piezoelectric response in energy conversion materials,39

the thermal and mechanical performance with respect to the
strain and texture changes of nanoplatelets in engineering
alloys,40 and the synthesis process with the resulting texture of
mineral nanofibres and corresponding photocatalytic activity
in environmental applications.41,42

Regarding other methods for analysis of 3D nanoscale
structure in other classes of materials, we note 3D static strain
and texture determinations for metal grains in thin films
using scanning nano-diffraction,10,43 precession electron diffr-
action of strain in semiconductor quantum well structures and
orientation of nanocrystals in biogenic calcite using XANES.44

Indeed, where a clear hierarchy of structural levels do not exist
(in contrast to biological materials), and in situ mechanics are
not needed, methods like 3D X-ray structural microscopy,18

which use sample rotation and aperture scanning, may be
more appropriate. Strain evolution in nanocrystals can also be
determined from coherent diffraction imaging,11 but such
methods are usually focused on single particles rather than
assemblies of them. Further, the approach presented here, to
determine both real-time orientation and strain changes in
3D, can be applied to more complex systems even when the
deformation and reorientation is small.

The angle – dependent deformation of fibres, shown to be
consistent with lamination theory assuming a continuous dis-
tribution of fibre orientations, sheds light on the underlying
mechanisms enabling elasticity and toughness. The tensile
elongation of fibres along the loading direction, transitioning
to a compression perpendicular to the load, implies a strong
interconnection between sublayers in the Bouligand lamellae.
These interconnections are most likely the transversely –

running pore-canal fibres,19 which “stitch” the Bouligand fibre
layers together. The smooth angular transition between rotat-
ing sublayers of the Bouligand structure (or sub-lamellae in
the term used in bone) most likely accentuates the strong inter-

connection and increased toughness.24,28 Our results further
highlights the mechanical importance of the pore-canal
network, as a compressive strain in the pore-canal fibres, nearly
equal in magnitude to the tensile strain in the Bouligand layer,
is developed (Fig. 5f, reaching a maximum magnitude of
∼0.15%). These results demonstrate that the pore-canal fibres
also bear load, and support the concept of an interpenetrating,
mechanically interlocked double network of fibres.

The importance of the interfibrillar matrix (mineralized
protein) in enabling shear transfer between fibres is shown by
the differences between the tissue and the fibre strain (a ratio
of εf/εT ∼ 0.4). Analogous interfibrillar shearing has been
observed for the mineralized collagen fibres in bone with
similar ratios from 0.4–0.6,37,45 which suggests this is a
generic feature of mineralized fibrillar biocomposites. Prior
work has implicated mechanisms such as sliding and rotation
of fluoroapatite nanorods in the cuticle of the dactyl for its
high fracture resistance.25 In contrast, our results on the chitin
deformation provide information on the mechanisms of the
organic fibres rather than the mineral, both of which are
expected to play coupled and essential roles in determining
material properties.

In relation to prior multiscale modelling work on cuticle,19,29

such methods provide effective elastic properties at multiple
length scales, from the molecular to the microscopic. Because
our experimental probe reports deformation and reorientation
rather than effective moduli, a one-to-one comparison with
multiscale models is not straightforward. A combination of
such multiscale modelling and the current experimental
method (especially at the microscale and above, where the
honeycomb motif is integrated into the Bouligand structure)
will be needed for a comprehensive structural understanding.

We note that a weakness of the current experimental
approach is that the XRD signal is an average of the patterns
in both exo- and endocuticle in the L1 geometry, whose
Bouligand layers have different stiffness, densities and order-
ing.46 However, this is a limitation of our current sample-
preparation protocol rather than the diffraction reconstruction
method itself, and in future, sample preparation methods like
focused ion beam milling or laser microdissection could
enable isolation of distinct tissue regions. Also, as we focus on
the crystalline diffraction signal from the chitin fibres, we do
not separately account for the mineral phase deformation. The
deformation of the fibres must therefore be interpreted as that
of a mineralized chitin fibre. In L2 geometry, we observed
mineral reflections (corresponding to calcite) only in the outer
parts of the tergite exocuticle, consistent with prior work on
lobster cuticle showing calcite to be present only in the outer
50 μm.47 The importance of different mineral chemical struc-
tures for impact resistance (e.g. fluoroapatite versus hydroxy-
apatite) has been shown before, and in the future,25 analysis of
peak shifts of mineral, possibly in combination with spec-
troscopy (for the noncrystalline region) could shed light on the
mineral phase mechanics.

In summary, we have shown the first experimental results
on the in situ, multiscale deformation mechanisms in the chit-
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inous cuticle of crustaceans. The cuticle has attracted con-
siderable interest as an advanced biomaterial, being the basic
building block underlying several biological adaptations to
sensation,23 vision and impact resistance,24,25 inspiring devel-
opment of bioinspired composites. By showing explicitly the
linkage between the diffraction intensity and the 3D multiscale
deformation, both in the experimental results and the analyti-
cal formulae derived, we also provide a template to apply this
nanomechanical method to understand structure–function
relations in these functionally diverse specializations.

4. Experimental section
4.1 Sample preparation

Mantis shrimp (Odontodactylus scyllarus) from the tropical
Indo-Pacific were purchased from a commercial supplier
(Tropical Marine Centre, London) and stored at −20 °C till
used for sample preparation. The abdomen tergite was dis-
sected from mantis shrimp, and the central region of the
tergite was sectioned under constant irrigation using a low-
speed diamond saw (Buehler Isomet, Buehler, Duesseldorf,
Germany). The sectioning is indicated schematically in Fig. 1b
and provided the tensile test samples. As described earlier for
bone,48,49 the ends of the test sample were embedded in UV-
curable dental cement (Filtek™ Supreme XT, 3 M ESPE, USA;
Fig. 1b) to grip the samples. To orient the cuticle in multiple
directions to the incident X-ray beam, the test samples were
embedded in two different ways. In the first (L1) configuration,
the surface (epicuticle) of the tergite was oriented such that
the incident X-ray beam (10 × 10 μm2 cross-section) was per-
pendicular to the cuticle surface and passed through both exo-
and endo-cuticle. In the second (L2) configuration, the inci-
dent X-ray beam is parallel to the tergite surface, which
enabled the 10 × 10 μm2 sized beam to focus on either the exo-
or endocuticle by translating the sample laterally with respect
to the beam. Typical dimensions of specimens were ∼0.5 mm
(thickness) × 0.6 mm (width) × 3.0 mm (length). Tergite
samples from at least 3 different shrimps were used for
testing.

4.2 Synchrotron tensile testing

Synchrotron XRD combined with in situ tensile testing on
cuticle was carried out at the microfocus end-station at beam-
line I22, Diamond Light Source (DLS) (Harwell, UK). Cuticle
specimens were mounted in a micro-tensile tester (Fig. 1a3†),
an adaptation of the setup previously used by us,48 with a
maximum load 110 N. Motor strain was measured from displa-
cement of sample grips, and corrected for machine compli-
ance in the grips by lab measurements, as described by us pre-
viously.37,50 In the lab tests, ink-markers were placed on
cuticle tensile-test samples and marker displacement tracked
using a CCD camera with digital image correlation.37 Tissue
strain was calculated from the fractional increase in marker
spacing. Linear regressions between the tissue strain and
motor strain were calculated, and used to convert synchrotron

strains from motor to tissue strain. When the correction is
applied, apparent tissue moduli are in the expected range of
crustacean cuticle ∼3–6 GPa.51

Strain controlled tensile tests were carried out with tissue
strain rate of 0.006% s−1. XRD patterns were acquired every
0.5% motor strain increment with a 1 second exposure time
using a Pilatus 2 M detector (Dectris, Switzerland). To mini-
mize radiation-induced damage to the tissue, the samples
were moved 10 μm vertically between XRD acquisitions and a
50 μm molybdenum attenuator was used as done previously by
us for bone.49 The lateral translation will not lead to inhomo-
geneous regions of the sample being included in the same
test. Specifically, in the L1 configuration, the material is hom-
ogenous in the plane parallel to the sample surface, comprised
of the exocuticle and the endocuticle underneath, and the
signal is an average of the diffraction from each region. During
the translation of the sample relative to the beam, the lateral
or vertical displacements of ∼10 micron are much smaller rela-
tive to the sample area (facing the X-ray) of ∼600 micron
(width) × 3000 micron (length) and will thus not lead to issues
with sample inhomogeneity. For the L2 configuration, the exo-
and endocuticle layers form two approximately parallel bands
oriented vertically in the tester. Therefore, when we shift the
sample vertically such the beam is always located in the same
region of one plywood lamellae, the material can, in this geo-
metry as well, also be considered as homogenous along the
axis of translation. Sample to detector distance (L = 230.1 ±
1.0 mm) and beam center was determined using a silicon stan-
dard. After the mechanical tests, all fractured test specimens
were air dried and coated with gold for scanning electron
microscopy, to determine sample cross-sectional area (Inspect
F, FEI, and Eindhoven, Netherlands).

4.3 XRD data reduction

The acquired XRD patterns were analyzed using Fit2D,52

around the (002) crystallographic peak of chitin (between 12.15
and 12.25 nm−1) using the CAKE command. For the azimuthal
intensity profile I(002)(χ), radial averages of intensity in a
narrow ring around the (002) peak, followed by background
subtraction diffuse scattering was carried out, as described
previously.49 For the radial intensity profiles at angle χ, Iχ(q),
the intensity was azimuthally averaged over arc-shaped sectors
(angular width 7°) centered at χ (Fig. 2d). Iχ(q) were fitted
using the Python package lmfit53 to a Gaussian with a linear
background term, to determine peak position q(002)(χ), peak
width and amplitude, and c-axis lattice spacing was obtained
from d(002)(χ) = 2π/q(002)(χ). Axial fibre strain (εf ) was calculated
from fractional changes in (002) lattice spacing relative to the
unstressed value.

4.4 Laminate simulation for in-plane fibre reorientation

As described in ESI, section S3,† a laminate model of the
Bouligand layer, with cuticle material parameters from lobster
cuticle (Nikolov et al.),54 was constructed, and its structural
response compared to the azimuthally varying fibre strain
(Fig. 3d). 4 experimentally levels of tissue stress (0, 17.1, 34.1
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and 51.2 MPa) were selected from the stress/strain curve of a
cuticle sample. By applying these stress-levels to the laminate,
the fibre-deformation and reorientation can be calculated
using the laminate model equations (eqn (S21)–(S25)†).
Subsequently, the modified orientation function wσ(γ) (eqn (5))
was obtained, and used in eqn (2), allowing a fit of the 3D
orientation parameters (tilt angles α and β). 3D XRD intensity
distributions on the reciprocal spheres were plotted using
Mayavi v2.0.55
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Section 1: Cuticle structure and diffraction geometry:

Figure S1. Hierarchical structure of stomatopod cuticle and corresponding mechanical parameters. (a) 

Schematic of a chitin fibre which is formed by N-acetyl-glucosamine molecules arranged in an orthorhombic 

crystal structure and proteins. (b) A mineralized chitin fibre which contains multiple fibres arranged in random 

orientations. The c axis of the chitin unit cell is coincided with both of the fibril and fibre axis which can be used 

as a proxy of the axial deformation of the chitin nanofibres. (c) The deformation of the fibre plane composed of 

parallel-arranged chitin fibres surrounded by protein and mineral matrix. (d) Schematic shows the in-plane 

rotation of mineralized chitin fibres due to external tensile load. (e) Schematic showing 3D fibre plane tilting due 

to external tensile load. (f) Scanning electron micrograph showing the plywood structure of in-plane chitin fibres 

is interrupted by the out-of-plane fibres running through the pore-canal system in the cuticle.
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Figure S2. Ewald construction for (110) and (002) reflections in 2D and 3D. (a) Two-dimensional drawing of 

Ewald sphere construction with the reciprocal space intensity spheres for (110) and (002), denoted QS(110) and 

QS(002) respectively. The length of AC=AO is 2π/λ. Point C and B are located on the intersection ring between 

Ewald sphere and QS(110), QS(002) respectively. OC indicates the scattering vector q for (110) reflection, and 

OB the scattering vector for (002) reflection. (b) Three-dimensional rendering of the geometry in (a), showing 

the Ewald sphere intersection with QS(110) and QS(002) in 3D.  The uniform initial fibre distribution in the 

Bouligand layer leads to a uniform band of (002) diffraction intensity in the vertical plane (red-orange in the 

figure). 



Figure S3. Linear transformation matrix between body-fixed frame and lab-fixed frame. (a) Schematic plot 

showing a fibre plane is tilted in 3D in the lab-fixed frame (yellow) while the plane is fixed in its body-fixed 

coordinate system (blue). (b-c) Schematic plot showing  (b) tilt and  (c) tilt of the body-fixed coordinate system 

from the body-fixed coordinate system.

The linear transformation matrix which translates coordinates ( ) from body-fixed frame , ,B B B
x y zq q q

into laboratory-fixed coordinates ( ) can be expressed by the following equation:L
z

L
y

L
x qqq ,,

 Eq. S1
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Section 2: X-ray Diffraction Model Functions:

Table 1: Mathematical functions for intensity distributions on the QS(110) and QS(002) spheres and 

the corresponding intersection rings.

I: Delta functions (without 3D tilt):

In the formulae following, we have modelled the diffraction intensity of rings or spots on the reciprocal 



spheres using peaked Gaussians which approach Dirac -functions as  1. In the following, the   0002  xq

angle  refers to the angle of the fibre in the qy-qz plane of Fig 2b (main text). The Bouligand lamellar unit 

lies in that plane, so a fibre at angle  refers to the fibres in the sublamella (lamina) inclined at an angle  

in the Bouligand unit. In the L2 geometry,  is replaced by  (Eq. s4). In evaluating the asymptotic limit to 

the integral, the relation (f(x)) = (x)/f’(x0) with x0 a root of the function f(x) is also used, which accounts 

for the denominator in some of the terms.
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L2 110      Eq. s4
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II: Weight functions for the fibre distribution before mechanical loading: 

The weight functions will change on mechanical loading. The changes of weight functions and I(χ) with the 

tissue strain (εT) for (002) reflection under L1 configuration are described later in the Supplementary 

Information in Section 4).



Configuration Fibre group Function   

L1 IP                                          w0 = 1/                             Eq. s6
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III: Coordinates on the intersection ring
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Eq. s11

IV: Delta functions with 3D tilt
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V: Intensity distribution on the intersection ring (I(χ)):



The measured intensity is the integral of the diffraction intensities of each fibre (Section IV) weighted by 

the fibre orientation distribution (Section II).
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Eq. s16
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 Eq. s19

VI: Symbol definitions:

γ: The fibre orientation respect to the axis in the lab coordinate system;  L
zq

λIP: scaling factor proportional to amount of in-plane (IP) fibres in the scattering volume; 



λOP: scaling factor proportional to amount of out-of-plane (OP) fibres in the scattering volume;

q(ES): The radius of Ewald sphere 2/ (AC in Figure S2a); 

q(002): The radius of QS(002) sphere (OB in Figure S2a); 

q(110): The radius of QS(110) sphere (OC in Figure S2a)

Section S3: Analytical results for coupled laminate deformation and reorientation of 

Bouligand layer

Overview: Classical lamination theory 2 was used to analyze the fibre deformation and the fibre 

reorientation of the stomatopod cuticle. The plywood structure of the Bouligand layer was studied as 

a laminate, i.e. a stack of different orientated composite plies. The reinforcement (fibre) was 

considered to be the mineralized chitin fibre, and the continuous phase (matrix) was taken to be the 

mineral-protein composite. Both materials were assumed to behave in a linear elastic manner, i.e. the 

analytical formulation would be expected to be valid to the cuticle elastic limit of about ~0.6-0.8% 

tissue strain. Each plywood lamina was assumed to be orthotropic and to exist in a state of plane 

stress.

Material property assignment: The material properties of the components were taken from the 

literature 3. The chitin nanofibres were composed of a crystalline region of chitin (Ech= 60 GPa, vch= 

0.25, ch= 0.31) and proteins (Eprf= 56 MPa, vprf= 0.28, prf= 0.69), whilst the mineral matrix is composed 

of amorphous calcium carbonate spherules (EACC= 37 GPa, vACC= 0.35, ACC= 0.9) and different proteins 

(Eprm= 570 MPa, vprf = 0.28, prf = 0.1). Here, Esubscript indicates the Young's modulus for the subscript 

phase, vsubscript indicates the Poisson's modulus and subscript the volume fraction of the component. 

Chitin modulus was taken from 4. 

The homogenized material properties of a single lamina were found by applying a rule of mixture 

(combination of Voigt and Reuss models) model twice – first at the fibrillar and the next time at the 

fibre level 2. 



At the fibrillar level, the Voigt model 5 was used to calculate the Young’s moduli and Poisson 

coefficients of the chitin protein nanofibrils and of the mineral-protein matrix, using the volume 

fraction ch listed above. 

Secondly, we found the mechanical properties of the orthotropic lamina (Fig S4 ) as standard for a 

composite material 2, by (a) using the Voigt model to obtain the Young's modulus E1 along the fibre 

direction (direction 1 in Fig S4 parallel to fibre direction) and the Poisson's constant 12, and (b) 

obtaining the Young's modulus E2 and the shear modulus G12 perpendicular to the fibre direction 

(direction 2 in Fig S4), with the Reuss model. 

We calculated the shear moduli of the fibre and of the matrix (Gfibre and Gmatrix) by using the 

expression valid for isotropic linear elastic material:

  Equation s20  
12
EG

Figure S4. Laminate composite model. (a) Schematic figure showing a single lamina made of fibres aligned along 

the direction 1 and embedded in a matrix. The thickness of each lamina is 0.1 µm. (b) Schematic figure of a 

plywood laminate. A quasi-continuously orientated structure made of 100 laminae (only 7 laminae were shown 



for convenience) is used for the analyses. The rotational angle between consecutive laminae considered for the 

analysis is 1.8 degrees.      

After calculating the homogenized material properties for the lamina, we approximated the 

experimental Bouligand structure by applying the lamination theory to a 10 μm thick laminate 6, 

containing 100 laminae with an angular quasi-continuous distribution of plies (1.8 degrees between 

two consecutive laminae, from -90° to 90°).

     The main formula which links the loading to the deformation state of the laminate is shown below:

 Equation s21


.

DB
BA

M
N


Where N represents the 2 uniaxial forces (Nx and Ny) and the shear Nxy acting in the plane of the 

laminate (directions x-y), Mx and My the 2 static moments acting along directions x-y, and the torque 

Mxy. [A], [B] and [D] are the stiffness matrices of the laminate, while [ε] represents the strains and [] 

the curvatures of the laminate.

Under the assumptions of lamination theory 2 the curvatures are neglected, and with [N] = (Nx, 0, 

0) as the experimental load for uniaxially applied tension, we find the laminate strains from Equation. 

S21.

 Equation s22     NA .1

 can be calculated with the formula: A

 Equation s23   



n

k
kk

k
ijij hhQA

1
1

Where the matrix [Q]ij is the assembled matrix of the laminate and hk represents the distance of the 

kth lamina from the mid-plane of the laminate. Once the laminate strains are obtained, the strain 

vectors in each lamina frame is calculated by multiplying [] with the transformation matrix [T]:ijA



Equation s24 
2 2

2 2

2 2

cos sin cos sin
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Calculation of in-plane reorientation: The reorientation was calculated as laminar shear strain divided 

by 2, as per the Figure S5, a result which is also confirmed by finite element simulation. Analytically, 

this results in the expression for angular reorientation (xx) (the factor 2 arises from the tensorial 

definition of strain compared to engineering strain): 

  
Equation s25 

2
12  xx

Figure S5. In–plane angular reorientation of lamina under shear strain. a) Undeformed configuration. b) 

Deformed configuration. Dashed line is used for undeformed configuration. We calculated the fibre 

reorientation  as ε12/2, where ε12 is the engineering shear strain in the hypotheses of small displacements. All 

the strain components are rotated in the reference frame of each lamina. Hence, the strain components along 

and perpendicular to the fibres direction do not contribute to reorientation.      

Section S4. Calculation of changed orientation function (in-plane) upon fibre reorientation:



Consider a small angular sector of fibres (e.g. within one lamina). The number of fibres is w(;0,0) 

(up to normalization constants). Under deformation, this sector moves to a new angular position  

and also changes in width  (e.g. under tensile load,  will move closer to loading direction and the 

width will reduce). Most importantly, the fibre distribution will also change from w(;0,0) to 

w(;0,,0,) (Fig 3f), where the parameters in the second term represent the centre and width of 

the modified distribution, and do not imply the same functional form as w(;0,0). Therefore, as no 

fibres are created or destroyed, we have

Equation s26       ,0,000 ,;,; ww

As the change in angle is expected to be proportional (to first order) to the perturbing parameter 

(stress), we can write

 Equation s27  f~

Where f() is an a priori unknown function and we have scaled the stress variable by a large parameter 

(100 MPa that is a value close to the maximum applied stress) to obtain a dimensionless stress 

parameter .   )(~
0
 

Substituting in the equations above we get, using first order perturbation expansions 1 where 

w(;0,0) and w(;0,,0,) is written in shorthand below as w() and w() to keep the equation on 

one line (the variable is  throughout):

 Equation s28              
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In cuticle, we start with a uniform fibril distribution w(;0,0)=w0=1/ to get

 Equation s29  










 d
dfww ~1,; 000

From the lamination theory we found: 

 Equation s30
2 2( 2cos sin 2cos sin cos sin )
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2
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Simplifying the Equation 29 we obtain:



 Equation s31 2sin2cos)( BAf 

Where  and  are constants depending on the material parameters of the 
𝐴=

𝛾𝑥𝑦
2 ( )

2
y xB
 



chitin, mineral and protein components of the cuticle. Using this form, we have the final result

 Equation s32     2cos2sin~21,; 000 BAww 

It is possible to show from Equation s22 that the element in the matrix [A]-1 which couples the laminate 

shear strain γxy and the applied uniaxial load Nx is null. Hence, A = 0 while B = -2.2810-3   [no units]. �̃�

 is equivalent to the azimuthal angle  here.



Figure S6. Angularly-resolved changes in experimental and simulated fibril weight function with respect to 

tensile stress. a) Percentage changes in intensity in different angular sectors (different colours) with increasing 

applied tensile stress, normalized at each stress-level to the total area under the I() plot (to account for any 

residual intra-sample material heterogeneity encountered when translating the sample with respect to the 

beam between each stress-level). The angles are measured in terms of ψ = 90-, i.e. =0 corresponds to 

vertical direction (parallel to direction of applied load). For a planar lamella with zero tilt (==0), the 

normalized angular intensity profile is proportional to the fibril weight function (b) Percentage changes in fibril 

weight function, using the laminate model described above. It is observed that the changes are far smaller than 

the observed changes in (a), indicating that effects from tilting (nonzero  and ) must be considered. 
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